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EXECUTIVE SUMMARY
The work carried out under NREL Subcontract Number XAF-8-17619-05 has concentrated on four areas of study. We first report results on a set of samples produced by dc reactive magnetron sputtering by John Abelson's group at the University of Illinois, for which we demonstrated the existence of a small but significant microcrystalline component. For these films the degradation kinetics were found to be quite unusual; however, they could be accounted for by a model that postulated two phases of degrading material: (1) a-Si:H host material of good quality and (2) a more defective component associated with boundary regions near the microcrystallites. Our sub-band-gap photocapacitance measurements on these films also indicated the existence of a distinct feature (a "shoulder" with a threshold near 1.1eV) that signaled the presence of the microcrystalline phase. The second study examined a set of samples produced by Uni-Solar which were deposited under conditions of high hydrogen dilution just below the microcrystalline phase boundary. Here we found that the defect density following light-induced degradation decreased as the film thickness increased. Corroborating our findings with X-ray diffraction (XRD) results obtained by Don Williamson on sets of similar films, we concluded that the films were becoming more ordered and less defective just prior to the onset of a detectable microcrystalline component. Furthermore we found that under conditions where XRD provided evidence for the onset of microcrystallinity, we likewise found the appearance of the distinctive microcrystalline "shoulder" in our sub-band-gap photocapacitance spectra. Third, we investigated two sets of samples where the deposition rate had been varied to include samples grown at moderate to high rates. In one set of samples, produced at Electrotechnical Laborary in Japan, samples deposited under H 2 dilution at 10Å/sec were found to exhibit extremely low deep defect densities and narrow Urbach tails, indicating films of exceptional quality. The photocapacitance spectra for these films were found to contain evidence for a small degree of microcrystallinity. In another set of samples, produced at Uni-Solar, we found evidence for increasing defect densities plus somewhat larger Urbach energies for the films deposited at higher rates. This is consistent with the fact that the photovoltaic device performance is significantly poorer for the higher deposition rate material. Finally, we discussed the general issue of deep defect densities in the a-Si,Ge:H alloys. We again demonstrated how well the deep defect densities in such samples from several sources could be fit using the spontaneous bondbreaking model of Martin Stutzmann. This implies that such state-of-the-art alloy films have been optimized in a quantifiable sense. We also found that the increase in deep defect density with small amounts of P and B dopants could also be reproduced reasonably well by modifying the spontaneous bond-breaking model to include the extra energy terms associated with charged defects.
INTRODUCTION
The work carried out in Phase I under NREL Subcontract XAF-8-17619-05 has concentrated on four general types of studies. First, we have examined how light induced defect creation proceeds in dc reactively sputtered samples produced in John Abelson's laboratory at the University of Illinois. Previous studies have shown that these films correspond to a mixed phase between amorphous silicon and crystalline silicon with a low volume fraction of the latter. The degradation of these samples was found to be quite anomalous, and we have been able to successfully explain this in terms of a two phase degradation model. Second, we have studied a-Si:H samples deposited under high hydrogen dilution and different growth rates. Series of such samples were obtained from Gautam Ganguly while he was still working at the Electrotechnical Laboratory (ETL) in Japan, and from United Solar Systems Corporation ("Uni-Solar"). Both sets of samples exhibited relatively low levels of degradation compared to standard glow discharge a-Si:H. In the case of the ETL samples, series of samples with and without hydrogen dilution were deposited at several different levels of rf power. The undiluted samples reveal an increasing trend toward microcrystallinity as the growth rate was decreased, while the diluted samples all reveal comparable microcrystalline levels.
Some preliminary results from a series of three Uni-Solar a-Si:H samples deposited with large varying growth rates were also obtained.
Third, we participated in a three-way collaboration with Uni-Solar and Colorado School of Mines (Don Williamson's group) to examine a-Si:H samples deposited with hydrogen dilution at a level that put this material just at the edge of microcrystallite formation. It has been proposed that such samples may exhibit the absolute best stability with respect to light-induced degradation. By correlating our measurements of defect densities profiles with X-ray diffraction (XRD) measurements carried out for films of differing thickness by the CSM group, this study clearly indicates that degradation is decreased as the onset to microcrystalline phase transition is approached. Moreover, these conclusions on the film based measurements were corroborated by Uni-Solar with respect to the performance on a set of matching p-i-n devices.
Finally, we attempted to fit our experimental results for defect densities in the Uni-Solar a-Si,Ge:H alloys with a modified spontaneous defect formation model. Our previously reported results on this series of samples had indicated significant densities of charged deep defects and also had included some results for samples that were doped both n and p-type at minute levels.
We had previously established that the defect levels in all the a-Si,Ge:H samples we had characterized from several independent sources quite closely obeyed the spontaneous bond breaking model proposed in 1989 by M. Stutzmann. While this model was formulated for intrinsic material, it is quite straightforward to modify it for the case of modestly doped material.
Thus we could predict the positively and negatively charged defect densities as a function of Fermi level position. This was found to provide a quite satisfactory fit to the experimental data.
In the Sections that follow, we first describe the samples studied and then briefly review the experimental techniques employed. In Section 4 we discuss our results concerning degradation in the dc magnetron sputtered mixed phase a-Si:H material obtained from the University of Illinois. In Section 5 we present our results on the high growth rate material obtained from ETL and Uni-Solar. In Section 6 we review our part in the collaborative studies to correlate sample properties just below the onset of crystalline formation. In Section 7 we will present our results fitting defect densities in the Uni-Solar a-Si,Ge:H to the modified spontaneous bond breaking model and, finally, in Section 8 we will summarize our findings and try to draw some general detailed conclusions.
SAMPLES
MIXED PHASE SAMPLES PRODUCED BY DC MAGNETRON SPUTTERING
Both hydrogenated and deuterated films were deposited at a rate of 100Å/min by dc reactive magnetron sputtering of a 5"×12" planar Si target in an Ar + H 2 or Ar + D 2 plasma. The substrate temperature was 250 o C, the Ar partial pressure was 0.14 Pa, and the H 2 or D 2 pressure was varied from 0.04 to 0.10 Pa. Films grown under such conditions using hydrogen have been found to have properties fully equivalent to a-Si:H deposited by plasma CVD. [1] Previous studies have determined that the transition from a-Si:H to fully µc-Si growth occurs at a hydrogen partial pressure of 0.5 Pa [2] , and roughly a factor of two lower for deuterium. [3] For the photocapacitance and photocurrent studies described below we evaporated semitransparent Pd contacts onto each film and reverse biased the junction at the p + c-Si substrate. Samples were studied in "state A" (annealed in the dark at 470K for 30 minutes) and in a light soaked "state B", produced by exposure to a tungsten-halogen light source at an intensity of 300mW/cm 2 for 150 hours.
We previously utilized Raman spectroscopy to establish the existence of a µc-Si component for each of these samples. [4] This method also allowed us estimate the relative volume fractions of crystallites in these samples. More information about the detailed structure of these films was obtained using high resolution plan-view TEM micrographs on a couple of the films. From such micrographs we identify a moderate density of crystallites with sizes in the 5 to 50nm range.
HIGH GROWTH RATE SAMPLES PRODUCED AT ETL
Intrinsic a-Si:H films were grown using rf plasma decomposition of silane at a substrate temperature of 250°C. One set of samples was deposited from pure silane at a pressure of 20 mTorr with a gas flow of 30 sccm. The rf power was varied (in the range of 10 to 100 Watts), thus affecting the growth rate. Another set of samples was deposited from hydrogen diluted silane in a 4:1 ratio. The silane flow was kept the same as in the first set, so that the total pressure in the chamber was 100 mTorr. In this case the H 2 dilution results in only small decrease of growth rate. For comparison we also grew a non-diluted sample at the higher pressure. The growth conditions are summarized in Table I . More details on the growth system and conditions and more information about these samples are given in ref. 5 . 
GLOW DISCHARGE AMORPHOUS SILICON-GERMANIUM ALLOYS
During our previous subcontract period we obtained nine a-Si,Ge:H films deposited by the rf glow discharge method at United Solar Systems Corporation. We utilized these samples for studying the deep defect structure in these alloys. All of these films were deposited on heavily ptype doped crystalline Si substrates at 300 o C using mixtures of Si 2 H 6 and GeH 4 gases diluted in H 2 . The GeH 4 flow rate was varied to obtain different Ge fractions. Additional details of the deposition conditions have been described elsewhere [7] . The Ge fractions were determined by electron microprobe measurements, courtesy of Harv Mahan and Alice Mason at NREL. Seven of the samples studied had Ge fractions in the range 30 to 35at.%, considered the most suitable for the low gap alloy of tandem solar cells. (The remaining two samples had Ge fractions near 20at.% and 50at.%, respectively.) Five of these samples were undoped, one was n-type doped at with PH 3 at 2 ppm by gas volume (Vppm), and one was p-type doped at a level of 6Vppm BF 3 .
In the current Subcontract period, although no new measurements on these films are to be reported, we tested the defect densities we had previously determined for these samples against a modified version of the spontaneous bond-breaking model. In this modified version, additional energy terms are incorporated to take into account the formation of charged defects for material that is not strictly intrinsic.
EXPERIMENTAL CHARACTERIZATION METHODS
The measurements employed in our studies rely on a set of experimental techniques which have all been described previously in some detail. They consist of (1) admittance spectroscopy as a function of temperature and frequency, (2) drive-level capacitance profiling, 
ADMITTANCE SPECTROSCOPY
Our Schottky diode samples contain a depletion region which is characterized as a function of temperature and frequency before we undertake the more sophisticated capacitance based measurements described in Sections 3.2 to 3.4 below. Such measurements provide us with an estimate of our film thickness (the temperature independent capacitance region at low T is simply related to the geometric thickness, d, by the formula C = εA/d), and an Arrhenius plot of the frequency of the lowest temperature capacitance step (or conductance peak) vs. 1/T provides us with the activation energy of the ac conductivity, E σ , which we identify with the Fermi energy position: E σ = E C -E F . [8] These admittance measurements also give us an indication of the quality of our Schottky barriers which allow us to pre-screen our samples for further study.
DRIVE-LEVEL CAPACITANCE PROFILING
The drive-level capacitance profiling method has been described in detail in many publications [9, 10] . It is similar to other kinds of capacitance profiling in that it provides us with a density vs. distance profile; however, this particular method was developed specifically to address the difficulties encountered in interpreting capacitance measurements in amorphous semiconductors. In this method we monitor the junction capacitance both as a function of DC bias, V B , and as a function of the amplitude of the alternating exciting voltage, δV. One finds that to lowest order this dependence obeys an equation of the form:
is directly related to an integral over the density of mobility gap defect states:
Here E F o is the bulk Fermi level position in the sample and E e depends on the angular frequency ω and temperature of measurement:
The thermal emission prefactor ν has a value of roughly 2 × 10 13 s -1
. Thus, by altering the measurement temperature (or frequency) we obtain information about the energy distribution of the defects and, by altering the applied DC bias, we can vary the spatial region at which we detect the defects in the sample. That is, we can spatially profile the defects as a function of the position from the barrier interface.
In our current studies we typically measured 10 or 100Hz profiles for a series of temperatures between 320K to 360K. These data usually indicated a clear upper limit for N DL which, we have shown [11] , is equal to roughly one half the total defect density in these samples.
This thus provides us with a quantitative measurement of the deep defect levels. In addition, because of the profiling information also obtained, we are able to assess the spatial uniformity of the electronic properties in these samples.
TRANSIENT CAPACITANCE SPECTROSCOPY
The general method of junction transient measurements on amorphous semiconductors has been discussed in detail in several earlier publications. [8, 12, 13] The basic physics of all such measurements is as shown in Fig. 1 . We illustrate the situation for a semiconductor with one discrete deep gap states within the space charge region of a Schottky barrier which is subjected to a voltage "filling pulse". This pulse causes a non-equilibrium (filled) occupation of gap state to be established. As time progresses, the initial steady-state population is recovered through the excitation of trapped electrons to the conduction band where they can then move out of the depletion region under the influence of the electric field. In the dark this process proceeds entirely by the thermal excitation of trapped carriers. However, this process can be enhanced through optical excitation which is the basis of the photocapacitance and junction photocurrent techniques described Section 3.4 below.
The re-equilibration can be observed by the redistribution of trapped carriers, either as a change in the junction capacitance (which occurs because the depletion region will contract as negative charge is lost and the positive charge density increases) or by monitoring the current which results from the motion of this charge. However, the observation of capacitance transients has one significant difference compared to current transient measurements: The dominant type
FIG. 1.
Schematic diagram indicating the basic sequence of events in semiconducting junction transient measurements: During voltage "filling pulse" gap states capture electrons from the conduction band. (c) Reverse bias is restored and occupied gap states above E F are slowly released to the conduction band due to thermal or optical excitation processes.
of emitted carrier (electron or hole) can be identified by the sign of the observed change in capacitance.
TRANSIENT PHOTOCAPACITANCE AND PHOTOCURRENT
The methods of junction transient photocapacitance and photocurrent have been discussed by us in great detail recently in the literature [14, 15, 16] and also in previous NREL reports. They represent types of sub-band-gap optical spectroscopy and provide spectra quite similar in appearance to PDS derived sub-band-gap optical absorption spectra or to spectra taken using the constant-photocurrent method (CPM). Instead of detecting absorbed energy, however, our photocapacitance and photocurrent transient methods detect the optically induced change in defect charge within the depletion region. However, unlike the CPM method, both of our junction based techniques are not greatly influence by the free carrier mobilities since, once an electron (or hole) is optically excited into the conduction (valence) band it will either totally escape the depletion region on the timescale of our measurement (0.1 to 1s) or be retrapped into a deep state and not escape. We assume that almost all of the optically excited majority carriers (electrons) do escape but, in general, only a fraction of the minority carriers (holes).
Because the photocapacitance and photocurrent measurements have different sensitivities to the loss of electrons vs. holes from the depletion region, a detailed comparison of the two kinds of spectra can be used to disclose the escape length of the holes. [14, 17] This allows us to estimate the hole µτ products for these samples. In these experiments the parameter τ is identified as a deep trapping time, not a recombination time. We are also able to distinguish whether optical excitation of defect states comes about because of the excitation of trapped electrons to the conduction band or because of the excitation of valence band electrons into an empty mobility gap state. This ability to distinguish electron from hole processes is unique among all the various types of sub-band-gap optical spectroscopies.
LIGHT INDUCED DEGRADATION KINETICS IN MIXED PHASE SAMPLES
EVIDENCE FOR PRESENCE OF MICROCRYSTALLINE COMPONENT
In this part of our work we have studied the degradation kinetics of a-Si:H films grown by dc reactive magnetron sputtering (See Section 2.1). In a previous study we showed that such films include a considerable density of microcrystallites embedded in the amorphous matrix. Evidence for the existence of these microcrystallites in these sputtered samples was first found by Raman spectroscopy. [4] Figure 2 displays a typical Raman spectrum for the sputtered samples used in this part of our study. In this case the crystalline component is clearly discernible and indicates a volume crystalline fraction of roughly 5%. Additional evidence was subsequently obtained using plan-view TEM, which was carried out by Ian Robertson's group at the University of Illinois. An example of the film structure is shown in the bright-field image presented in Fig. 3 . A selected area diffraction pattern from the region indicated by the circle confirms that the dark regions are actually composed of small crystallites, which give rise to the ring pattern. Dark-field microscopy using a portion of a ring confirmed that small crystallites had agglomerated to form the dark regions shown in Fig. 3 . Such images indicate that these films consisted of 5 to 50 nm sized Si crystallites embedded in the amorphous silicon.
FIG.
4. Photocapacitance spectrum of Illinois sample 1937 showing a "crystalline silicon" feature with an onset close to 1.1 eV.
The measurement frequency was 1kHz.
An additional and quite sensitive indicator of the presence of microcrystallites in such samples is also obtained from transient photocapacitance spectroscopy (see Section 3.4). In Fig. 4 we display the photocapacitance spectrum for the sample whose Raman spectrum is shown in Fig. 2 . While the Raman evidence for the microcrystalline component in this sample is fairly subtle, the photocapacitance spectra displays a very distinct shoulder in the energy regime between 1.1 and 1.5eV. No such feature has ever been observed for standard glow discharge a-Si:H. Although we have some additional evidence that the strength of this feature scales with the strength of the corresponding Raman crystalline peak [4] , the details of such a quantitative analysis are still under investigation. Nevertheless, short of carrying out TEM, we believe that the photocapacitance sub-band-gap spectra may actually provide us with our most sensitive test of the presence of a microcrystalline component in such mixed phase samples. Some of these issues are discussed further in Section 5.
BEHAVIOR OF LIGHT INDUCED DEFECT CREATION
In this Section, we demonstrate experimentally that the presence of these microcrystallites gives rise to a very unusual defect creation kinetics. The defect density in each film was determined using the drive-level capacitance profiling (DLCP) method (see Section 3.2), and the Fermi level position was determined through admittance spectroscopy (see Section 3.1). We characterized these samples following periods of light soaking using a tungsten-halogen lamp with a maximal intensity of 4.5 W/cm 2 . During light soaking the samples were immersed in methanol, to eliminate any significant increase in surface temperature. The junction capacitance measurements in every case were carried out at temperatures only up to 350K, to avoid thermal annealing of the metastable defects.
In Fig. 5 we present the results of the DLCP for one sample in various stages of light soaking (from 1 minute to 50 hours). One can see that the profiles obtained are uniform within the experimental accuracy, indicating that the material's properties are independent of the distance from the substrate. To further verify this, we repeated the experiment using the front Schottky diode, and obtained similar results. This figure reveals the unusual degradation kinetics of these a-Si:H films which is made more clear in Fig. 5(b) which presents the spatially averaged defect densities of Fig. 5(a) plotted against the light exposure time. One sees that the defect density increases significantly during the first minute of degradation, and then very slowly until 10 minutes (hereafter called "stage 1"). At this point the defect density increases dramatically in the next time interval (stage 2), and later at a more moderate pace (stage 3) followed by saturation (stage 4). All these results, including the abrupt increase in stage 2, are reproducible and independent of the specific Pd contact used. 
FIG. 5(b).
Spatially averaged defect densities vs. light exposure time. The solid line is a guide to the eye. The increase in defect density with time falls into 4 distinct behavioral regimes which we call "stages".
Since the DLCP technique measures the integrated density of states between the Fermi energy and a cut-off energy (which is 0.8 eV below the conduction band edge at the temperature and frequency of our measurements), it is important to determine the Fermi level position in the various stages of light soaking. We found that the Fermi energy did not shift during light soaking by more than 0.01 eV. Hence the changes in the measured profiles are directly indicative of the changes in the density of dangling bonds.
The degradation kinetics obtained for different light intensities are displayed in Fig. 6 . Here we present the average defect densities obtained through the DLCP technique under three different intensities. We see that most of the features found for the high light intensity are present also in lower intensities. The main differences are that stage 1 becomes even slower as the light intensity decreases, while stage 2 gradually disappears. It is noteworthy that the transition point from stage 1 to stage 2 occurs at longer times and lower defect densities as the light intensity is reduced. The other differences, i.e. the lower overall defect density and the longer times required to achieve saturation under lower light intensity, are well known and generally occur for all a-Si:H samples [19, 20] .
We also examined the annealing kinetics of our samples. This was done by partially annealing the samples in steps of increasing temperature for 15 minutes at each temperature. In the degradation process cannot be explained by appealing to the existence of "fast" and "slow" defects as was previously proposed [21] .
MODELING
The most common way to account for the degradation kinetics in a-Si:H is via the rate equation [20] :
where N is the density of the dangling bond defects and G is the light intensity. The coefficients C SW and λ determine the rates of the light induced defect creation and annealing processes, respectively. We assume that light induced annealing process is initiated via the capture of one type of carrier into the metastable defects, and thus we take f(G,N) = G/N. This equation neglects any thermal processes, but this is a good approximation since the light soaking was carried out at temperatures which did not greatly exceed room temperature. When the light induced annealing term is negligible, the solution of the rate equation is:
so that, once the defect density significantly higher than the initial density, one obtains the well known t 1/3 rule. Indeed, a more accurate way of examining the validity of the model described by equation (4) is to plot the data according to the left hand side of equation (5), and to look for a linear relation with time. This way of presenting these data is displayed in Fig. 8 . Here one can clearly see that in the short times region the experimental data definitely do not fit a t microcrystallites. The higher degree of disorder of this second phase might be due either to extra stress caused by the presence of the microcrystallites, or to a deficit of diffusing hydrogen which is able to passivate a larger fraction of the bulk defect states. The third phase are the microcrystallites, which provide only a constant, non-degrading, contribution to the defect density. In actual practice, however, we have found that this last contribution to the total defect density can be neglected. The total defect density will thus be given by f 1 N 1 +f 2 N 2 where N i and f i are the defect density and the effective volume fraction of the i th phase, respectively. Since the second phase is assumed to be much more defective we start with N 2 >> N 1 , but we also know that f 2 << f 1 . That is, the Raman spectra and TEM micrographs indicate that the vast majority of the film consists of high quality amorphous silicon.
Turning to the degradation kinetics, we assume that N 2 degrades like equation (4) . However, due to the high initial defect density of this phase, the light induced annealing term in this equation will be significant even for short light soaking times. Furthermore, because this phase is highly defective, the corresponding coefficients C SW and λ have relatively high values. For Phase 1 we assume that initially the recombination is governed not by the dangling bonds within this phase, but by states associated with the other two phases into which the carrier can diffuse and recombine. We denote the effective density of these centers by Z so that we can represent As the dangling bond density begins to increase, it will shift the quasi Fermi level towards midgap, but will not initially alter the free carrier lifetime since the collapse of the quasi Fermi level will simply deactivate an equal number of the Z states. However, once the density of the dangling bonds is high enough to deactivate all of the Z states the recombination kinetics will become "normal" again:
We note that equation (6) leads to a relatively fast initial degradation of Phase 1, one which is linear with time. On the other hand, once the N 1 deep defects dominate the overall recombination the degradation will follow the "normal" t 1/3 rule.
In Fig. 9 the fit lines indicate that this model can indeed account for all the features of our data. In the first stage of degradation, because the overall defect density is controlled by the contribution of Phase 2 which is high, the light induced annealing term makes the degradation kinetics slower than usual. Then, as the 1st phase defect density starts to grow (initially linearly in time) the total grows very rapidly. Shortly thereafter, this phase totally dominates the carrier recombination processes so that the degradation kinetics is controlled by the defects in this phase.
The defect density dependence then rolls over into the "normal" t While the above fits to the experimental data are quite satisfactory, we also see that the dependence of the saturated defect density on the light intensity of these fits is not as strong as in the experiment. We can improve this if we allow C * to be slightly dependent on G. In this case we obtain the superior fits indicated by the curves in Fig. 9(b) . These fits indicate that C* increased by 40% as the light intensity was changed by a factor of 2.8. Such a variation in the creation coefficient C * might be explained by the existence of potential fluctuations in the Phase 1 such that a larger generation rate would allow the photocarriers to overcome these fluctuations, leading to an increase in the bi-molecular recombination rate.
More of the details of the modeling have recently been reported elsewhere [22] . We stress that the special kinetics reported here is not limited to sputtered a-Si:H samples. We have recently observed similar kinetics in some glow discharge a-Si:H samples grown under H dilution [23] . An unusually slow degradation in H diluted material has also been previously reported based on studies using the CPM technique [24] . This argues against the possibility that the results reported here are due to peculiar aspects of the DLCP technique. Indeed, it is now well known [6] that one of the effects of such dilution is the introduction of a small fraction of microcrystallites into the amorphous silicon matrix.
DEFECT BEHAVIOR OF a-Si:H NEAR THE MICROCRYSTALLINE ONSET
During the past year we have participated in a joint collaboration with researchers at Uni- analysis indicated that the films were purely amorphous at 0.5µm thick, were mixed microcrystalline/amorphous for the 1.5µm thick film, and were largely microcrystalline at 2.5µm.
The implication of his results was that the hydrogen diluted a-Si:H was approaching the onset of crystallinity as the film got thicker, and that the onset of distinct crystallinity occurred somewhere in excess of 1µm.
The role of my laboratory was to assess whether the electronic properties of these films were also varying as these hydrogen diluted films increased in thickness. Scientists at Uni-Solar and ECD had reported that a-Si:H films grown under hydrogen dilution close to the onset of microcrystallinity exhibited a higher degree of stability [25] . Therefore, it seemed possible that the density of deep defects in the light-degraded state of these films would become lower as these films became thicker, at least until the onset of microcrystalline was reached.
The three films (one non H-diluted "standard" sample, plus two deposited with hydrogen dilution with different total thickness') were characterized in a light-degraded state produced by exposure to red-filtered light from a tungsten-halogen source at an intensity of 2W/cm 2 for 100
hours. The samples were immersed in methanol during light soaking to maintain a low surface temperature. Figure 10 displays a series of drive-level capacitance profiling (DLCP) data for the standard sample. Each profile was obtained using a measurement frequency of 33Hz and measurement temperatures were varied between 330K to 370K. Based upon cross correlation studies between ESR and DLCP on previous samples [11] , we believe that a good estimate of the total defect density will be obtained by doubling the profile values displayed for the 370K curve.
That is, this standard glow discharge sample has a defect density near 2 × 10 .
FIG. 10.
Drive-level capacitance profiles for the Uni-Solar standard glow discharge sample in its light degraded state obtained using a measurement frequency of 33Hz and several measurement temperatures. Note that the defect density profiles show very little spatial variation.
FIG. 11.
Drive-level capacitance profiles for the two hydrogen diluted Uni-Solar standard glow discharge samples in their light degraded state at several measurement temperatures. Note that the profiles show considerably more spatial variation than those of the standard sample.
FIG. 12.
Comparison of drive-level profiles for all three samples at the highest profiling temperatures. The total defect density in each film is estimated to be twice the value shown for the 370K curves in each case.
Note that the profiles for the hydrogen diluted samples are significantly lower than for the standard sample and also indicate a much greater spatial variation.
In Figure 12 we display a direct comparison between the profiles for all three samples.
These are shown for the two highest measurement temperatures where the profiles should be encompassing a larger part of the deep defect band. We see that the hydrogen diluted samples exhibit defect densities roughly a factor of 1.5 lower than the standard sample, and we also note the much stronger spatial variation of the profiles for the hydrogen diluted samples. This variation indicates a decrease in deep defect density toward the top surface of those films. That is, the density of light-induced deep defects becomes smaller as we move toward the onset of microcrystallinity as deduced from the X-ray studies of Don Williamson on Uni-Solar samples deposited under the identical conditions. This tends to support the conclusion that it is this approach to microcrystallinity which leads to a more stable a-Si:H material evidenced, in this case, by a lower defect density.
Finally, in Figure 13 , we display photocapacitance spectra taken for the two hydrogen diluted samples. The spectrum for the thinner sample is nearly identical to those of very high quality glow discharge samples reported previously [17, 26] . The fit curve indicates an Urbach energy of 46meV. The thicker sample spectrum matches that of the thinner sample in both the bandtail regime and also at optical energies below 1.0eV where the signal is believed to originate solely from dangling bond defects in a-Si:H. However, the thicker sample has an additional feature at intermediate optical energies which, as we discussed in Section 4.1, indicates the presence of silicon microcrystallites. We believe that the volume fraction is very low for this sample, 1% or less. Indeed, such samples in our experience would not exhibit any evidence for crystallinity in Raman spectroscopy. However, our results are consistent with Don Williamson's X-ray results that indicate a small degree of microcrystallinity for the 1.5µm thick samples grown in this fashion.
Finally, matched p-i-n devices were fabricated and tested by researcheres at Uni-Solar. They found a trend toward increasing open circuit voltage, V OC , as the onset to crystallite formation was approached, and then an ubrupt decrease in V OC once this onset was exceeded.
FIG. 13.
Photocapacitance spectra for the two Uni-Solar hydrogen diluted a-Si:H samples of different thickness.
The thinner sample spectrum is quite similar to many published results for sub-band-gap spectra of a-Si:H in the literature. The thicker sample shows an additional feature at intermediate energies that we associate with the presence of a very small fraction of microcrystallites. The solid line is a fit to the thinner sample data which indicates an Urbach energy of 46meV and an estimated deep defect density of 1.5 × 10 . This latter value agrees quite closely with the defect density obtained from the DLCP measurements for this sample.
CHARACTERIZATION OF HIGH GROWTH RATE a-Si:H MATERIAL
Considerable recent effort has been devoted to obtain hydrogenated amorphous silicon (aSi:H) films that are grown at high deposition rates but contain a low defect density after light soaking. The most stable cells deposited by plasma decomposition of pure silane diluted in H 2 exhibit growth rates in the vicinity of 1Å/sec which significantly limits the device fabrication rate. Thus a variety of modified deposition techniques are being explored to try to increase the growth rate while maintaining low stabilized defect densities and cell efficiencies. In this Section we report results for higher growth rate a-Si:H films obtained from two different outside laboratories: ETL and Uni-Solar.
ETL HIGH GROWTH RATE SAMPLES
We first report our results for seven samples of intrinsic a-Si:H films grown by G. Ganguly at ETL. Four of these samples were deposited without hydrogen dilution, the remaining 3 samples were diluted in hydrogen using a H 2 /SiH 4 ration of 4. The rf power level was varied for each subset of samples to change the growth rate from 2.5Å/sec to 15Å/sec. More details on the growth parameter have been presented in Section 2.2. The deep defect density in these samples was determined by the drive-level capacitance profiling (DLCP) method. We also recorded the sub-band-gap optical absorption spectra using the transient photocapacitance (TPC) technique.
Films were characterized in both the dark annealed state (state A), as well as a degraded state produced by exposure to red filtered tungsten halogen light for 100 hours at an intensity of 2.2 W/cm 2 (state B).
In Fig. 14 we plot the defect densities of these samples determined by the DLCP technique, as a function of their growth rate. Closed symbols represent the hydrogen diluted samples whereas the open symbols are for the samples grown from pure silane. For the non-diluted samples one observes that the defect density decreases as the growth rate decreases. However, for the samples grown using hydrogen dilution the defect density exhibits a shallow minimum at the relatively high growth rate of 10.5 Å/sec. These trends appear both in state A and state B.
Furthermore, the hydrogen dilution leads to significantly lower defect densities for the samples grown at the higher rates. At the highest growth rate one obtains an almost identical reduction of the defect density by increasing the silane pressure instead of using the dilution with hydrogen.
We note that all of the samples exhibit very low overall defect densities. Indeed, the extremely low defect density exhibited by the hydrogen diluted sample deposited at 10 Å/sec represents the lowest defect density we have ever recorded for an a-Si:H film using the DLCP method.
FIG. 14.
Deep defect density for the ETL a-Si:H films in both their dark annealed state A, and a light degraded state B. In this case the defect densities shown are twice the drive-level densities obtained at 360K and 11Hz. Note that the undiluted film deposited at higher SiH 4 pressure (small circles) closely matches the diluted sample data for the same total chamber pressure.
We also studied the detailed degradation kinetics versus light exposure time for several of these samples. In Fig. 15 we display the results for sample 12468: that grown at a power level of The degree of microcrystallinity indicated by the sub-band-gap spectra for all of the samples in this series deposited under hydrogen dilution appear very similar to that shown in Fig. 16 .
However, in Fig. 17 we compare the sub-band-gap spectra for the series of the 3 undiluted films deposited under a 20 mTorr chamber pressure. Here we observe a systematic apparent increase in the microcrystalline "shoulder" as the growth rate is decreased from 16 Å/sec to 2.8 Å/sec. We conclude this Section by briefly consider the how the varying growth conditions of these ETL samples may be affecting the degree of microcrystallinity. It has been argued that the formation of microcrystallites depends on the ratio of H atoms to SiH 3 radicals, with higher values promoting the formation of microcrystallites [27] . Hydrogen atoms, which originate from the dissociation of the silane molecules, collide and react with other silane molecules. This leads to the formation of more SiH 3 radicals accompanied by H 2 molecules [28] . Accordingly, at low silane partial pressures the ratio of H/SiH 3 is high and the formation of microcrystallites is silane partial pressures the ratio of H/SiH 3 is high so that the formation of microcrystallites is promoted.
When the power is increased, H-ion bombardment energies increase and inhibit the growth of microcrystallites [27] . When H 2 is added while maintaining a low silane partial pressure, additional H atoms are formed from the dissociation of H 2 which itself does not react with H atoms, and results in higher H/SiH 3 ratios. This is reflected in the higher microcrystalline inclusion in the diluted samples.
UNI-SOLAR HIGH DEPOSITION RATE a-Si:H FILMS
A preliminary series of three a-Si:H samples was obtained from Uni-Solar. In contrast to the ETL material discussed in Section 6.2, these 3 films had been optimized at their respective growth rates in terms of delivering good performance for photovoltaic p-i-n cells. One film was low growth rate hydrogen diluted material deposited at 1Å/sec. This corresponds to the material that has produced the most stable, highest efficiency devices produced at Uni-Solar. The other two samples were deposited at 3Å/sec and 6Å/sec. The first of these was deposited in a conventional PECVD reactor utilizing modified deposition conditions (higher rf power, etc.), while the second was deposited under VHF conditions using a 70 MHz excitation frequency.
Both films were deposited under conditions that have led to the best performing cells reported to date for these higher deposition rates.
Each film was deposited on a stainless steel substrate over a thin contacting layer of n + a-Si:H. A Pd Schottky contact was deposited onto the top surface of each sample to enable characterization by our junction capacitance methods. Capacitance vs. frequency and temperature allowed us to determine the thickness of each sample as well as the activation energy of the dark conductivity, E σ . These quantities are listed in Table II. We then carried out drive-level capacitance profiling (DLCP) measurements to assess overall defect density and spatial uniformity of electronic properties. We also carried out transient photocapacitance (TPC) spectroscopy, to document the sub-band-gap spectra and thus, for example, document differences in the Urbach energies or deep defect energy distributions.
The above measurements were all carried out for the light-degraded state of these sample which were obtained by an exposure to a red filtered tungsten-halogen source at an intensity of 2W/cm 2 for 100 hours. These defect densities and Urbach energies have been included in Table II. A comparison of the drive-level capacitance profiles for all 3 samples in their light-degraded state is shown in Fig. 18 . At the measurement frequency and temperature employed, the deep TABLE II. Properties deduced for Uni-Solar a-Si:H samples of varying deposition rate. All three samples were deposition on n+ a-Si:H coated stainless steel substrates. The thickness and activation energy of conductivity were determined from admittance vs. temperature and frequency measurements, the Urbach energies were determined from the transient photocapacitance spectra (see Fig. 19 ), and the deep defect densities were determined from the drive-level capacitance profiling measurements (see Fig. 18 ). defect density is approximately twice the density given on the vertical axis. One notes that the deep defect density increases markedly as the deposition rate increases, and also that its spatial variation becomes somewhat larger. The sub-band-gap spectra for these three films obtained from the transient photocapacitance measurements are shown in Fig. 19 . The three samples exhibit quite similar sub-band-gap spectra. The only significant evidence for poorer film properties at the higher deposition rate material from these spectra is a moderate increase in the deep defect density consistent with that obtained from the DLCP data, and a slightly wider Urbach tail obtained for the film deposited at 6 Å/sec.
SAMPLE
FIG. 18.
Drive-level capacitance profiles for three Uni-Solar a-Si:H samples in their light degraded states. These samples were deposited at the three different growth rates indicated using conditions which have led to the best stabilized cell performance obtained at Uni-Solar. The profiles were carried out using a measurement frequency of 33Hz and a temperature of 370K. Under such conditions the total deep defect density is approximately twice that shown on the vertical axis.
FIG. 19.
Sub-band-gap spectra obtained from transient photocapacitance measurements of the three Uni-Solar samples in their light degraded state. The three spectra have been offset vertically for display purposes. The thin solid lines are fits to these spectra used to estimate the deep defect densities and to determine the value of the Urbach energies
We can formulate a few general conclusions of this quite preliminary study of the effects of increased deposition rate on the electronic properties of the Uni-Solar a-Si:H films. Specifically, our measurements do show differences in the electronic properties consistent with poorer device performance; namely, a moderate increase in deep defect density and a slight increase in the width of the Urbach tail. Unfortunately, the current samples do not yet allow us to perform measurements to assess minority carrier transport properties. We are currently planning a more comprehensive series of studies to examine such effects.
DEFECT DENSITIES IN THE AMORPHOUS SILICON-GERMANIUM ALLOYS
While, in this Subcontract period, my group did not carry out any new measurements pertaining to the low gap a-Si,Ge:H alloys, we did carry out some new calculations to better understand the results we have obtained previously.
My group has been applying our experiment methods to characterize the electronic properties of a-Si,Ge:H alloys since 1990. The films we studied were produced by at different laboratories using three different growth methods: Photo-CVD at IEC, Delaware; Cathodic glow discharge at Harvard; and standard glow discharge at Uni-Solar. Although some of the details in the behavior of these samples were found to be different, all of these sets of samples were found to exhibit superior properties compared to those of a-Si,Ge:H alloys reported elsewhere (that is, they exhibited narrower Urbach tails and lower defect densities). To illustrate this I have compiled, in Fig. 20 , the values of the Urbach energy parameter determined for these 3 sets of alloy samples together with those determined for sets of alloy samples reported previously in the literature. [29] [30] [31] [32] [33] [34] [35] One notices that, in particular, the Harvard and Uni-Solar samples exhibit Urbach energies as low as those found in pure a-Si:H, independent of the Ge content. This indeed seems to indicate that a distinct level of optimization that has now been achieved in the a-Si,Ge:H alloy system. In Fig. 21 I compare deep defect levels for these three sets of alloys, determined using the DLCP method [32, 33, 34, 35] , with defect level determined using ESR from other groups [30, 36, 37] . Other studies that estimate of defect densities from sub-band-gap optical spectra, while useful within a given series of samples, is less quantitative and so is probably not too reliable for comparison between samples from different sources. Nonetheless, defect densities estimated from optical spectra also agree quite well with the trend shown in Fig. 21 , indicating an exponential increase, by roughly a factor of 300 overall, as x varies from 0 to 1. [29, 38, 39] Figures 20 and 21 indicate that the 3 series of a-Si,Ge:H samples that my group has investigated (from U. Delaware, Harvard, and Uni-Solar) come very close to being optimized in the sense that they exhibit Urbach tail energies as low as high quality a-Si:H and also quite low deep defect levels overall. One additional indicator that these a-Si,Ge:H alloy samples are optimized is the degree to which they obey the spontaneous bond breaking model of M.
Stutzmann [40] . This model was proposed as a simple alternative to the "defect pool" types of arguments [29, 41] , although it is not necessarily inconsistent with these. It was originally proposed to account for the correlation between defect densities and Urbach energies in pure a-Si:H, but it has also been found to account remarkably well for the variation of defect density with the changes in Ge fraction in the a-Si,Ge:H alloys [42] . It implies the simple relation: 
where E D is the energy position of the deep defect band within the gap (obtained, for example, from the sub-band-gap optical spectrum), E* is a demarcation energy separating bandtail states from deep defects, and N 0 is the density of states close to the valence band mobility edge. In practice the parameters N 0 and E* merely provide the freedom to adjust the overall magnitude of the deep defect density to match experiment. However, a single choice of these parameters (e.g.,
, E* ≈ E V + 0.15eV) provides very good agreement to the defect densities found by my group for all of the IEC, Harvard, and Uni-Solar samples. This is illustrated in Fig. 22 .
While the spontaneous bond breaking model thus accounts quite well for the defect densities in intrinsic samples, it is well know that doped samples exhibit defect densities more than one order of magnitude larger without much variation in the Urbach energy or defect energy position.
Clearly the simple relation of Eq. (8) does not apply to doped samples because it omits the energy gain due to charge redistribution when dopants shift the Fermi level position.
During the past year we thus attempted to construct a modified spontaneous bond breaking model that would properly take into account the changes in defect formation energy due to the variations in the position of Fermi energy that result from doping. This was also important regarding our recent conclusion that considerable concentrations of charged defects existed in the Uni-Solar a-Si,Ge:H samples. [43] Thus we wished to find out whether such a modified spontaneous bond breaking model would be consistent with the variations in positive and negatively charged defects we believed we had identified in these samples. Indeed, the series of Uni-Solar samples we had been studying included seven samples with Ge fractions near 35 at.%.
FIG. 23.
Measured charged defect densities vs. the value predicted from the modified spontaneous bond-breaking model for Uni-Solar 35at.% Ge samples.
Three of these were nearly intrinsic with a conductivity activation energy near E g /2, two others were ν-type with a 50 to 100 meV lower conductivity activation energies, one was lightly n-type doped with a 200 meV lower conductivity activation energy, and one was lightly p-type doped with a 100 meV lower activation energy (but in this case because E F is closer to the valence band).
One finds that for doped samples, whether the Fermi level lies closer to conduction band or to valence band, the overall total energy, E total , will always be decreased relative to the intrinsic case. We can thus incorporate this additional energy gain into the spontaneous bond breaking model to predict that:
where E F i is the Fermi energy of the intrinsic sample, N doped and N intrinsic are the total defect densities for doped and intrinsic samples, respectively. Also, if we know the Fermi energy position for intrinsic samples, then we can also obtain the ratios of positively, neutrally and negatively charged defects for the sample as a function of E F . In Fig. 23 we display the predicted values we have calculated using this modified spontaneous bond breaking model and the concentration of charged defects for the x = 0.35 Uni-Solar a-Si,Ge:H alloys deduced in ref. 43 .
For our calculation, we used a value E F i -E c = -0.7eV for the Fermi energy position of the most intrinsic samples, and chose the Gaussian defect band to have a standard deviation of σ=0.07 eV, corresponding to an average of values obtained by fitting the experimental optical spectra. We see that the agreement of this calculation to our experimentally determined defect densities is quite satisfactory. More of the details of our analysis were presented at the April 1998 MRS Meeting [44] .
SUMMARY AND CONCLUSIONS
An overriding theme of the work described above in this first phase of our NREL Subcontract has been the effect of partial crystallinity, or the approach to partial crystallinity, on the electronic properties of a-Si:H. This includes, of course, how degradation or the relative stability of these films is affected by the approach to, or onset of, microcrystallinity. We first discussed the results on a set of samples produced by dc reactive magnetron sputtering, obtained in collaboration with John Abelson's group at the University of Illinois, for which we demonstrated the existence of a small but significant microcrystalline component. For these films the degradation kinetics was found to be quite unusual; however, it could be well accounted for by a model that postulated two phases of degrading material. One was a-Si:H host material of good quality and the other was a more defective component associated with boundary regions near the microcrystallites. Our sub-band-gap photocapacitance measurements on these films also indicated the existence of a distinct feature (a "shoulder" with a threshold near 1.1eV) that signaled the presence of the microcrystalline phase.
The second set of samples investigation were produced by Uni-Solar, deposited under conditions of high hydrogen dilution, very close to but just below the microcrystalline phase boundary. Here we found that the defect density following light-induced degradation decreased as the film thickness increased. Corroborating our findings with X-ray diffraction results obtained by Don Williamson on sets of similar films, we concluded that the films were becoming more ordered and less defective just prior to the onset of a detectable microcrystalline component. Furthermore we found that at almost exactly the conditions that Don Williamson found XRD evidence for the onset of microcrystallinity we found the appearance of the distinctive "shoulder" in our sub-band-gap photocapacitance spectra.
Third, we investigated two sets of samples where the deposition rate had been varied to include samples grown at moderate to high rates. In one set of samples, produced at ETL, samples deposited under H 2 dilution at 10 Å/sec were found to exhibit extremely low deep defect densities and narrow Urbach tails, indicating films of exceptional quality. The photocapacitance spectra for these films were found to contain evidence for a small degree of microcrystallinity.
In another set of samples, produced at Uni-Solar, we found evidence for increasing defect densities plus somewhat larger Urbach energies for the films deposited at higher rates. This is consistent with the fact that the photovoltaic device performance is significantly poorer for the higher deposition rate material.
Finally, we discussed the general issue of deep defect densities in the a-Si,Ge:H alloys. We again demonstrated how well the deep defect densities in such samples from several sources could be fit using the spontaneous bond-breaking model of Martin Stutzmann [40] . This implies that such state-of-the-art alloy films have been optimized in a quantifiable sense. We also found that the increase in deep defect density with small amounts of P and B dopants could also be reproduced reasonably well by modifying the spontaneous bond-breaking model to include the extra energy terms associated with charged defects.
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